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Introduction
Corrosion is considered a major threat to the structural integrity of aircraft structures and may significantly reduce the lifetime of such structures. To improve the corrosion resistance of aircraft metallic structures and to reduce their weight, new aluminum alloys, called 3rd generation aluminum-copper-lithium alloys, were developed. The 2050 alloy is one of the most promising solutions because this material combines low density, good mechanical properties and good corrosion resistance. Indeed, the addition of Li results in the reduction of the weight of the alloy because the density is reduced by 3% for each 1 wt% Li added to Al, whereas the elastic modulus is increased by almost 6% [1] [2] [3] . However, the presence of copper-rich second phases can produce micro-galvanic coupling, which leads to a decrease of the corrosion resistance of the alloy.
Previous studies focused on the corrosion behavior of Al-Cu-Li alloys demonstrated that these alloys were susceptible to different types of corrosion according to the thermomechanical treatments applied [4] [5] [6] [7] [8] . Thus, depending on their thermomechanical history, the Al-Cu-Li alloys may be susceptible to pitting and to intragranular or intergranular corrosion in relation to the distribution and to the type of intermetallic precipitates or dispersoids controlling the local electrochemical potentials. Galvanic coupling, which occurs between second phases, usually rich in copper, and the matrix is a common mechanism responsible for pitting [9] [10] [11] [12] . As an example, Al-Cu-Fe-Mn intermetallic particles, which are encountered in Al-Cu-Li alloys, cause the dissolution of the surrounding matrix because of their nobler electrochemical potential. The effect of the precipitation of hardening phases in Al-Cu-Li alloys on their corrosion behavior has also been thoroughly studied [4, 9, [13] [14] [15] [16] . The results of these studies indicated that the electrochemical potential of T 1 -Al 2 CuLi precipitates, which are the most common hardening precipitates encountered in these alloys, differed from that of the matrix, leading to a galvanic coupling phenomenon. For a low immersion time in chloride media, the corrosion potential of T 1 precipitates was found to be more cathodic than that of the matrix, whereas for a longer immersion time, the corrosion potential of T 1 precipitates evolves, as well as that of the matrix, leading to an inversion in polarity [14] . The coupling between T 1 phases and the matrix was then primarily considered responsible for the corrosion susceptibility of Al-Cu-Li alloys, with intergranular and/or intragranular corrosion, depending on the thermomechanical treatment applied to the material [7] . Furthermore, Smith and Scully proposed that hydrogen could be trapped at the incoherent interfaces of T 1 particles [17, 18] ; these authors considered that T 1 particles are likely to be one of the high-energy trapping states in Al-Li-Cu-Zr alloys and pointed out the error in assuming that hydrogen cannot play a major role in cracking of Al-based alloys due to the low lattice solubility. Therefore, it was of interest to consider the hydrogen -T 1 particles interactions to explain the http://dx.doi.org/10.1016/j.corsci.2014. 04.042 properties of corroded samples when hydrogen was produced during the corrosion processes. Of course, this was dependent on the quantity of hydrogen produced and therefore on the exposure conditions.
Indeed, the conditions of exposure to an aggressive medium are another major factor affecting the corrosion susceptibility of metallic alloys [19] [20] [21] [22] [23] [24] ; cyclic corrosion tests with wet and dry phases modified the corrosion susceptibility of aluminum alloys compared with continuous immersion tests [24] . Larignon et al. showed that, after cyclic corrosion tests, a high hydrogen amount was detected inside a corroded 2024 aluminum alloy [24] . The influence of the exposure conditions to the aggressive medium is particularly true for aircraft structures because they are cyclically exposed to corrosive environments throughout their life. Indeed, when the plane is on the tarmac, the plane is exposed to a corrosive environment and sometimes to high temperatures; however, during a flight, the exposure duration to the corrosive environment decreases. Additionally, for some parts of the structure, the temperature falls to roughly À50°C, whereas other parts of the structure are maintained at room temperature.
The aim of this work is to study the effect of varying conditions of exposure to an aggressive medium on the corrosion susceptibility of the 2050 alloy. To apply testing conditions similar to real exposure conditions, corrosion tests with alternate immersion and emersion phases were performed in the laboratory. Because the corrosion susceptibility of the alloy strongly depends on its precipitation state, the 2050 alloy was studied in both its asreceived state, which is associated with a low volume fraction of precipitates, and in an aged state, which is characterized by a large precipitation of T 1 phases. Comparison of the results obtained for the two metallurgical states will help in understanding the influence of T 1 precipitates on the corrosion morphology depending on the exposure conditions to the aggressive medium and will be helpful to obtain data about hydrogen trapping at T 1 precipitates. Therefore, these two metallurgical states were exposed to continuous immersion and to cyclic corrosion tests to study the effect of environmental exposure conditions on their corrosion behavior.
Experimental

Material
The material for this study was an aluminum-copper-lithium AW (Airware) 2050 alloy (Al base, 3.86% Cu, 0.86% Li; wt%) provided by Constellium (France). The material was received as a 50 mm thick plate obtained by hot rolling, followed by solutioning, water quenching, stretching and natural ageing at room temperature, leading to the T34 metallurgical state. In this metallurgical state, according to the literature [25] , hardening T 1 precipitates were not present in the grains. Therefore, to promote the formation of hardening T 1 precipitates in the grains, a piece of the plate received a heat treatment corresponding to an artificial ageing treatment at 155°C for 30 h. In the following text, samples in the T34 metallurgical state and aged samples are called NHT (non-heat treated) and HT (heat-treated), respectively. The two metallurgical states are of interest from an industrial point of view. Friction stir welding (FSW) joints of Al-Cu-Li alloys constitute promising solutions to replace the riveted structures of aluminum alloys. The welded joints could be obtained by welding two plates in the T34 metallurgical states; after the welding process, the joints are submitted to an artificial ageing, without solutioning before the ageing, to increase their mechanical properties [7] . Therefore, the HT alloy corresponds to the metallurgical state of the base metal after the post-welding heat-treatment. Due to the rolling process, the microstructure of the material presented grains strongly elongated in the rolling (longitudinal) direction. The average grain sizes in the longitudinal (L), transversal (LT) and short transversal (ST) directions were 500, 350 and 60 lm, respectively.
Electron backscattered diffraction (EBSD) observations ( Fig. 1a ; see the experimental section below for EBSD explanations) showed the strong morphological anisotropy of the material. Scanning Electron Microscope (SEM), using a JEOL 7000F field emission gun SEM, allowed coarse Al-Cu-Mn-Fe particles to be observed both for NHT and HT samples. Their density and distribution (both in the grains and at the grain boundaries) were similar for the two metallurgical states because the artificial ageing at 155°C could not change the distribution of coarse particles. These particles were not studied with more details because they mainly influence the susceptibility to pitting corrosion of the alloy. The finer precipitation, i.e. the distribution of T 1 precipitates, was described in the experimental results and discussion part.
Corrosion tests
All corrosion tests were performed in a 0.7 M NaCl solution maintained at a temperature of 25°C using a Julabo refrigerated circulator in a laboratory room at a controlled temperature (25°C ± 1°C). This chloride concentration is representative of the chloride content for the solutions used during Mastmaasis Wet Bottom test, an industrial corrosion test used by Constellium. For the most part, corrosion tests corresponded to four exposure conditions with two cyclic corrosion tests and two continuous immersion tests (Table 1) . For all the tests, during the immersion periods, the samples were hanged in the corrosion cell by using a thin nylon yarn. Cyclic corrosion tests (CR 72 h and CF 72 h) consisted of three 24 h cycles; each cycle was composed of a 3 h immersion in the electrolyte, which was followed by a 5 h dry period in air, then a 2 h immersion period and, finally, a 14 h dry period in air. During the air exposure periods (emersion phase), the samples were hanged by using the nylon yarn in a sample glass store placed in the laboratory room (25°C ± 1°C) for the CR 72 h tests and, for the CF 72 h tests, the samples were hanged in a container maintained at a negative temperature equal to À25°C ± 1°C. For comparison, two continuous immersion tests (CI 15 h and CI 72 h) were also performed with durations of 15 h and 72 h. The pH was monitored during the continuous immersion tests. It was equal to 5.7 at the beginning of the test and became equal to 7.65 after 72 h for both NHT and HT samples. The duration of the first continuous immersion test represented the cumulated immersion time for cyclic corrosion tests, and the duration of the second one represented the total duration for the cyclic tests. For a few tests, to amplify the corrosion damage, cyclic tests consisted of seven 24 h cycles; these tests were called CR 168 h and CF 168 h (Table 1) . For these tests, a 168 h continuous immersion test (CI 168 h) was considered as a reference. All corrosion tests were performed on cubic samples (10 mm edge) extracted from the core of the plate. The plane exposed to the aggressive medium was the LT-ST plane to observe the propagation of the corrosion defects in the rolling direction, which is the most critical direction for corrosion propagation because of the morphological texture of the material. Before corrosion tests, the samples were mechanically abraded up to 4000 grade, then polished with 3 lm and 1 lm diamond paste, rinsed in distilled water and air-dried. After corrosion tests, the samples were cut along the L-ST plane to obtain cross-sections for the analysis of the propagation of the corrosion in the bulk of the samples (Fig. 1b) . Cross-sections were polished and then observed using optical (OM) and scanning electron microscopes (SEM; see experimental part below). To quantify the corrosion damage, a statistical analysis was performed from many polished cross-sections. Considering the cumulative length of the corroded surface observed in the ST direction, which was estimated at mated at 60 lm, more than 1000 grains and grain boundaries were analyzed for one sample. Three parameters were considered to statistically describe the morphology of the corrosion defects: the average propagation depth of the corrosion defects in the L direction, the average propagation in the ST direction and the linear density of corrosion defects measured in the ST direction (number of defects per unit length).
During some corrosion tests, open circuit potential (OCP) and electrochemical impedance spectroscopy (EIS) measurements were performed using a Biologic potentiostat. A three electrode electrochemical cell was used, which included a platinum electrode as the auxiliary electrode and a saturated calomel electrode (SCE) as the reference electrode. Potentials quoted in the manuscript refer to the SCE. Specimens used as the working electrode were 1 cm 2 surface samples coated in an epoxy resin. The plane exposed to the electrolyte was the LT-ST plane. Impedance measurements were performed using as disturbance a sinusoidal potential of an amplitude, which was limited to 10 mV (rms). The frequency range varied between 3 kHz and 10 mHz. The acquisition parameters were adapted according to the frequency range used. For all the corrosion tests, the samples were left at their OCP and several impedance measurements were carried out during the corrosion tests to characterize the corrosion behavior of the samples as a function of time. Between each impedance measurement, the samples were left at their corrosion potential and, before all impedance measurements, the OCP was measured for 5 min to take into account the evolution of the OCP as a function of time.
This potential value was potentiostatically maintained during the impedance measurements. For continuous immersion tests, the first impedance measurement was performed 20 min after the beginning of the corrosion test, following a 5 min step of OCP measurement while the second impedance measurement was performed after 12 h. Therefore, except for the first measurement, the samples were in a steady state during the impedance measurements (see the experimental result part for OCP evolution). For cyclic corrosion tests, impedance diagrams were plotted at the beginning and at the end of each immersion period from the second immersion period (8 h after the beginning of the cyclic corrosion tests). With the 5 min of OCP measurements before each impedance measurements, by taking into account the low value of the disturbance amplitude and the frequency range that was shortened, the samples were considered in a steady state during the impedance measurements. All measurements were repeated three times to ensure their reproducibility.
Characterization of the microstructure and of the corrosion morphology
EBSD scans were performed using a JEOL 7000F field emission gun SEM at an accelerating voltage of 15 kV with a Nordlys II F+ camera. EBSD measurements were helpful in both analyzing the microstructure of the alloy (Fig. 1a) and characterizing the corrosion morphology. Thus, EBSD maps were performed on 2 mm 2 areas with a step size of 1 lm before and after corrosion tests.
Maps that are more precise were also performed around corrosion Temperature during the dry period = À25 ± 1°C CR tests CF tests n = 3 cycles n = 7 cycles n = 3 cycles n = 7 cycles (3 Ã 24 = 72) (7 Ã 24 = 168) (3 Ã 24 = 72) (7 Ã 24 = 168) CR 72 h CR 168 h CF 72 h CF 168 h defects with a step size of 0.5 lm. The orientation data were postprocessed with the commercial orientation imaging software package Oxford Channel 5. The inverse pole figure (IPF) maps represent the crystal orientation parallel to the normal sample surface. Moreover, a Nikon ECLIPSE MA200 OM and a SEM (ZEISS EVO HD LS15; incident electron beam kept at 15 kV) were used to carefully examine the microstructure of the material and the corrosion defects. Transmission electron microscopy (TEM) using a JEOL-JEM-2010 microscope also allowed various types of precipitates to be observed. Specifically, 300-lm slices were removed from the samples and were ground to a thickness of 100 lm. A dimple was machined in the central region using a South Bay Technology dimpler with a methanol (900 mL)/nitric acid (300 mL) mixture.
Mechanical tests and hydrogen measurements
Mechanical tests were performed to evaluate the residual mechanical properties of the corroded samples. Tensile tests were performed on tensile specimens (Fig. 1c) at a strain rate of 10 À3 s
À1
using an Instron testing machine equipped with a 10 kN load cell. Mechanical tests were performed on unexposed samples and on pre-corroded samples prepared according to the corrosion testing conditions previously described. The LT-ST planes of the tensile specimens were exposed to the medium, with the other planes protected by a varnish, and the samples were strained along the LT direction. To amplify the corrosion effects on the mechanical behavior, pre-corrosion tests corresponded to CR 168 h and CF 168 h (7 cycles). Therefore, CI 168 h tests were compared with the cyclic tests CR 168 h and CF 168 h in terms of the residual mechanical properties of the tensile specimens (Table 1) . Hydrogen content measurements were performed using a Horiba EMGA-621W and a Brüker Galileo HMat Instrumental Gas Analyzers (IGA) in which the sample was heated until 1200°C. Before performing measurements, the corrosion products were removed from the surface by mechanical polishing, and the samples were cut into small pieces of approximately 0.1 g. Both tensile tests and hydrogen content measurements were repeated three times for each condition.
Experimental results and discussion
Corrosion susceptibility of the 2050 alloy during continuous immersion tests
To study the effect of environmental exposure conditions on the corrosion susceptibility of the 2050 alloy, first, continuous immersion tests were performed in chloride solution for both NHT and HT alloys. Fig. 2a and b show optical micrographs of corrosion defects for a NHT sample after 15 h and 72 h of continuous immersion. The NHT alloy was found to be susceptible to intergranular corrosion. By comparing the EBSD analysis ( Fig. 2c ) and SEM observations (Fig. 2d ) of the same corrosion defects, the dissolution of grain boundaries was evidenced. This result seems to be consistent with another study [25] in which the authors explained the susceptibility of the 2050 alloy to intergranular corrosion by the presence of T 1 phases at grain boundaries. Because of the more negative potential of T 1 precipitates compared with that of the matrix, a galvanic coupling occurs at the expense of T 1 , which leads to grain boundary dissolution [25] . Furthermore, Li et al. show that the potential of T 1 precipitates was shifted to a more positive value for a long immersion time due to the preferential dissolution of Li from T 1 and to the resulting copper enrichment of the particles [15] . Consequently, the intergranular corrosion associated with the presence of T 1 phases at grain boundaries might be due to the alternate anodic dissolution of the T 1 precipitates and to that of the surrounding matrix. However, in the present work, unlike observations in the literature, no T 1 precipitation was observed at grain boundaries for the NHT alloy (Fig. 2e) . TEM observation along [0 1 1] zone axis clearly showed the absence of T 1 precipitate on the micrograph and the absence of characteristic strikes on the selected area diffraction pattern. It was assumed that intergranular susceptibility should be caused by a preferential segregation of alloying elements, i.e., most likely Cu and/or Li, at grain boundaries. Further analyses are in progress to assess the relevancy of this hypothesis. However, notably, this work shows that the presence of T 1 precipitates at grain boundaries is not required to obtain intergranular corrosion for the 2050 alloy. A comparison of Fig. 2a and b shows a widening of corrosion defects when the corrosion time increases. During the first hours of immersion, the corrosion defects corresponded to thin grooves limited to grain boundary areas, whereas, after a longer immersion time, corrosion grooves are quite wide and extend in the grain. Furthermore, the observations ( Fig. 2a-d) show that the propagation paths are nearly linear and that most of the defects corresponded to the dissolution of one or two connected grain boundaries.
To better describe the corrosion damage, a statistical analysis was performed. Fig. 3 shows the average propagation depth of the corrosion defects in the L direction and their average propagation width in the ST direction for both NHT and HT samples after different corrosion tests. It can be added that, when several corroded grain boundaries were connected, these boundaries were considered only one corrosion defect. Therefore, when the alloy is susceptible to intergranular corrosion, the last criterion, i.e., the propagation width in the ST direction, allows the evaluation of the branching of the corrosion defects, assuming that, for a corroded grain boundary considered individually, its average width in the ST direction was less than 1 lm and approximately 2-3 lm after CI 15 h and CI 72 h, respectively. The 3rd parameter is the number of corrosion defects observed per mm of cross sections analyzed and is called the ''linear density of corrosion defects''. For NHT samples, after continuous immersion tests, the quantification of the corrosion susceptibility, according to the corrosion exposure time, shows an increase in the defects size when the corrosion exposure time increases. Considering the propagation along the L direction, after a CI 72 h corrosion test, corrosion defects are longer than for a CI 15 h corrosion test, with propagation depths equal to 100 and 160 lm, respectively. Surprisingly, the linear density of corrosion defects was smaller after CI 72 h compared with CI 15 h tests. This result could be explained by the stronger density of pits in the CI 72 h samples compared with CI 15 h samples. For the CI 15 h samples, no pit was observed in the L-ST plane for a cumulative length observed in the ST direction of 80 mm. On the contrary, for the CI 72 h samples, 19 pits were observed in the L-ST plane for a cumulative length observed in the ST direction of 40 mm. Their mean depth in the L direction was 17 lm with values between 11 and 25 lm. Many intergranular corrosion defects were assumed to initiate after CI 72 h tests; however, these defects did not propagate enough to be detected due to pit propagation in their surroundings. This hypothesis suggested that the interactions between the two types of corrosion, i.e., pitting and intergranular corrosion, significantly affected intergranular corrosion propagation.
For the HT alloy, the material was susceptible to intragranular corrosion ( Fig. 4a and b) . The EBSD analysis (Fig. 4c) , which was combined with SEM observations (Fig. 4d) of the same corrosion defect confirmed this corrosion morphology. TEM observations along [0 1 1] zone axis (Fig. 4e) showed the presence of T 1 precipitates both in the grains and at the grain boundaries with characteristic strikes of needles observed on the selected area diffraction pattern. The susceptibility of the HT alloy to intragranular corrosion was due to the precipitation of T 1 phases both in the grain and at the grain boundaries, which is in agreement with the literature [25] . Indeed, as previously explained, microgalvanic coupling phenomena between T 1 phases and the matrix must be considered. When the NHT samples were aged to obtain HT samples, T 1 precipitates formed in the grain boundaries; however, numerous T 1 precipitates also formed inside the grains. Therefore, both the corrosion potentials of the grain boundaries and the grains became more negative with a decrease in the difference between the two corrosion potential values. The galvanic coupling effect between the grains and the grain boundaries was reduced so that intergranular corrosion did not occur. Moreover, with a more negative potential due to the presence of T 1 precipitates and to a lower copper content, the grains in the HT samples were more reactive, which led to intragranular corrosion. Concerning the influence of the immersion time in the chloride solution, corrosion defects were both longer (L direction) and wider (ST direction), and their linear density increased (Figs. 3d-f) , when the immersion time increased.
Importantly, the EBSD analysis showed strong heterogeneities in the material studied, with a wide range of grain sizes and with the presence of subgrain boundaries. It is well known that the propagation of corrosion defects is strongly dependent on the morphology of the grains. Thus, there will most likely be a great discrepancy in the corrosion morphology from one corrosion defect to another, depending on the local microstructure, and the results displayed in this study can vary according to the sample. Moreover, the measurements of corrosion depth are always subjective and depend strongly on the quality of the surface preparation before the OM observations. A previous study performed on a 2024 alloy showed that it was difficult to obtain relevant data concerning the corrosion depth by analyzing corroded surfaces [26] . Therefore, it was assumed that the errors concerning the previous corrosion depths could be significant. This situation is particularly true when the number of corrosion defects is low, which is the case for the continuous immersion tests. In this case, the electrolyte is not renewed during the entire test, and the stirring is most likely not enough to remove corrosion products during the test, which limits the initiation of corrosion defects.
Then, to help in analyzing the morphology of the corrosion defects, tensile tests were performed because these tests allow the analysis of a large volume of the alloy and, therefore, to obtain a more global response from the material. Furthermore, Augustin et al. showed that if the shape of the tensile curve for a pre-corroded sample remains unchanged compared with a reference curve for a non-corroded specimen, with a homothetic shift in the flow stress, then one can assume that the corrosion damage is homogeneously distributed along the gauge length and that the corroded zone can be considered a non-load bearing zone [26] . Fig. 5a shows the tensile curves obtained for non-corroded and CI 168 h NHT samples. No homothetic shift in the flow stress was observed from a non-corroded sample to a corroded sample. This result demonstrated that the morphology of the corrosion defects, i.e., thin intergranular corrosion defects with a rather low linear density, did not allow the generation of a non-load bearing zone, considering the direction of the stress during the tensile tests. For HT samples, the results were different, with a slight shift in the flow stress for CI 168 h samples compared with non-corroded samples (Fig. 6a) ; for a true strain equal to 5%, the stress was decreased from 590 MPa to 575 MPa for a non-corroded to a CI 168 h samples respectively. This corresponded to a 3.5% shift of the flow stress. This result could be attributed to the corrosion defect morphology observed for HT samples, i.e., intragranular corrosion defects, and showed that the tensile tests slightly emphasized the difference in the corrosion behavior for NHT and HT samples. Notably, for both NHT and HT samples, a significant decrease in the elongation to failure was observed for corroded samples compared with noncorroded samples.
Additional electrochemical measurements were performed for both NHT and HT samples during continuous immersion in the chloride solution to better analyze their corrosion behavior. Fig. 7a shows a decrease in the OCP for NHT samples when the immersion time increases from 0 to 72 h. Two steps can be defined in the OCP variation: during the first day of immersion, an important drop in the OCP is observed, whereas during the next two days, the OCP progressively decreases and becomes nearly constant after 3 days of immersion, reaching a value of À0.78 V/SCE. The rate of the OCP drop was calculated for four different tests; this rate decreased by a factor of ten between the two steps (5.6 Â 10 À3 mV/h for the first 24 h of immersion compared with 5.6 Â 10 À4 mV/h during the second step). The OCP drop at the beginning of the test could be linked to the dissolution of the protective oxide [27] . Importantly, Hagyard et al. showed that the potential rose to a peak at the beginning of the immersion and that this increase was attributed to the dissolution of aluminum and to the formation of the protective oxide [28, 29] . This reaction was very quick and, thus, is rarely observed, which was the case in this study because no peak was visible in Fig. 7a . After reaching the peak potential, only a small fraction of the electrode surface remains actively anodic, whereas the hydrogen release process and oxygen reduction occur over most of the metal surface. The evolution of the OCP in Fig. 7a suggests a strong dissolution of the alloy during the first step (between 0 and 24 h) and then, due to the accumulation of corrosion products, the potential progressively becomes constant to reach a minimum (between 24 and 72 h). Corrosion processes in the second step may be minimized compared with the first period. The effect of the immersion time could be explained by referring to the literature. By performing polarization curves in an old and in a fresh EXCO corrosion test solution for the 2024 alloy, Keddam et al. showed that both the corrosion potential and the corrosion current were lower in the old solution than in the new solution [30] . The drop in these variables was attributed to a decrease in the cathodic reaction rate. Because the cathodic reaction was the limiting step for the corrosion processes, it was assumed that for a long immersion time, corresponding to an old solution, the dissolution of the material was slowed. This assumption could be related to the size of the corrosion defects. For a short immersion time, although the anodic reaction corresponded to aluminum oxidation, the cathodic reactions most likely corresponded to oxygen reduction on the alloy surface and, when the intergranular corrosion propagated, due to the local acidification at the tip of the corrosion defect, to H + reduction inside the corrosion defect. However, oxygen reduction on the walls of the corrosion defects was also a possibility. After a long immersion time, long corrosion defects were primarily observed, with the accumulation of corrosion products inside these defects and on the surface of the sample. These defects could be rapidly considered an occluded zone characterized by a chloride-enriched electrolyte and by H + reduction as the major cathodic reaction. No oxygen reaction could occur inside the corrosion defects; this reaction was also limited on the sample surface, which led to a decrease in the electrochemical reaction rate. This hypothesis was supported by the electrochemical impedance spectroscopy measurements reported in Fig. 7b and c for both NHT and HT samples. The measurements were performed every 12 h during the CI tests. All the impedance diagrams presented a similar shape; therefore, for more clarity, only the impedance diagram plotted after 24 h of continuous immersion was plotted in Fig. 7b for the two alloys. Independent of the time, the impedance diagrams showed two well-defined time constants, which were most likely due to electrochemical corrosion reaction (capacitive loop) and mass transport controlled processes [31] . To describe the corrosion behavior versus time for the two alloys, the charge-transfer resistance R t , characteristic of the corrosion processes, was extrapolated from the capacitive loop (see the dashed semi-circle plotted in Fig. 7b ). Fig. 7c shows that R t significantly decreased during the first 12 h of immersion, indicating that a fast corrosion process occurred, with a fast evolution of the sample surface. R t then slightly increased after 24 h of immersion and, for longer immersion times, R t stabilized to a higher value. It seems relevant to relate the variation in R t to that of the OCP. Both the OCP and impedance measurements show a strong dissolution of the material during the first step, which is related to a defective layer due to the aggressiveness of chloride ions. In the second step, the stabilization of both the OCP and impedance values suggests minimized electrochemical processes due to the accumulation of corrosion products, which leads to the isolation of long corrosion defects from the electrolyte and to the minimization of the electrochemical processes. The accumulation of corrosion products inside the corrosion defects was perceived as the corrosion defects healing and contributed, with the oxide film formed on the sample surface, to artificially and slightly hinder the corrosion damage on the Nyquist plots. For the HT alloy, due to the presence of T 1 phases in the matrix and to the lower copper content of the solid solution (due to T 1 precipitation), the initial OCP was found to be lower compared with the NHT alloy (Fig. 7a) . Furthermore, for the HT samples, the OCP was quite stable versus the immersion time, in contrast to the NHT alloy. This difference in electrochemical behavior could be attributed to the greater homogeneity of the potential distribution in the HT sample due to the presence of T 1 phases both in the grain and at the grain boundaries compared with NHT samples. Concerning the evolution of the impedance diagrams when the immersion time increased, for HT samples, R t decreased after 12 h of immersion, then slightly increased and finally stabilized; notably, the amplitude of the variation during the 12 first h was lower compared with NHT samples, which could be related to the stability of the OCP versus the immersion time for HT samples, in contrast to NHT samples. The stabilization of the R t values for long immersion times was explained, as for NHT samples, by an artificial ''healing'' of the corrosion defects due to the accumulation of corrosion products.
Corrosion susceptibility of the 2050 alloy during cyclic corrosion tests with immersion and emersion steps at room temperature (CR tests)
Global observations of NHT corroded samples after CR tests show corrosion susceptibility similar to NHT samples after continuous immersion, with the presence of intergranular corrosion defects (Fig. 8) . However, the observations highlighted significant differences in the morphology of the corrosion defects. After a CR test (Fig. 8a and b) , intergranular corrosion defects are thinner and more branched than after continuous immersion (Fig. 2) . The branching of the corrosion defects is clearly visible in Fig. 3b , with the high value of the average propagation depth along ST for CR samples. The fact that intergranular corrosion defects were thinner might be explained by the low duration of immersion for a CR test, which is only equal to 15 h for a total test duration of 72 h. However, a comparison of the corrosion defect morphology with that of CI 15 h samples (Fig. 2a) shows that this explanation is not convincing or sufficient; after a cyclic corrosion test, the corrosion defects are thinner than after continuous immersion for an equivalent duration of immersion in the electrolyte. To help to explain this result, continuous immersion tests with a higher chloride concentration, i.e., 5 M, were performed ( Fig. 8c and d) ; the results show that the intergranular defect morphology moves toward that observed after cyclic corrosion tests, with clearly thinner defects than those defects observed after the same immersion time in a 0.7 M chloride solution. This result was consistent with results in the literature. For a 2024 alloy during continuous immersion tests, by testing chloride solutions with different chloride concentrations, Augustin et al. showed that the higher the chloride concentration of the electrolyte is, the thinner the intergranular corrosion defects [26] . Larignon et al. completed this study for the 2024 alloy and compared the corrosion defect morphology after continuous immersion and after cyclic corrosion tests. These authors showed the existence of a chloride concentration gradient inside the intergranular corrosion defects formed during continuous immersion and during cyclic corrosion tests. During a CR test, the chloride concentration could reach a value equal to 5 M at the tip of the corrosion defect due to the evaporation of the electrolyte, which led to a partial drying of the corrosion products during the emersion period [24] . Therefore, for CR corrosion tests during the immersion period and for short defects, the cathodic reaction was primarily oxygen reduction on the sample surface, whereas the anodic reaction was the dissolution of aluminum inside the corrosion defects; the high chloride concentration inside the corrosion defects promoted their propagation based on an autocatalytic process because the more the aluminum ions were produced, the more the chloride ions penetrated into the corrosion defects, which generated a more aggressive solution. Corrosion products accumulated inside the corrosion defects so that there was rapidly little connection between the tip of the corrosion defects and the external electrolyte. Therefore, not only during the air exposure periods but also for long corrosion defects during the immersion period, the main reaction was H + reduction inside the corrosion defects, and the propagation rate of the corrosion defects primarily depended on local chemical conditions. In this case, there was no limitation by H + transport processes, which led to extensive propagation of the corrosion defects compared with continuous immersion tests. Such an explanation, which was proposed to explain the corrosion behavior of the 2024 alloy, was also convincing for the 2050 alloy and explained that the corrosion defects observed for NHT samples for CR tests were deeper (Fig. 3a) and that their linear density was higher (Fig. 3c) , which could be attributed to the fact that the cathodic reduction was not a limiting reaction. To confirm this assertion, a continuous immersion test for which the solution was renewed each 24 h was performed on a NHT sample. The results showed that the density of corrosion defects was multiplied by five compared with a continuous immersion test in the same solution. Additionally, some grain boundaries connected to the tip of the first corroded grain boundary were also corroded, leading to a branching of the intergranular corrosion defects. Therefore, it was evidenced that a similar behavior for the 2050 alloy as for the 2024 alloy was observed during CR tests. Furthermore, a preliminary EBSD analysis performed on 2050 corroded samples showed that the corrosion also propagated at subgrain boundaries after CR tests (Fig. 8e) , whereas the corrosion of subgrain boundaries was not observed after continuous immersion. This result was also comparable to observations performed for the 2024 alloy after CR tests [24] . To confirm this observation, a more accurate EBSD analysis of the corrosion defects was performed. Fig. 9 illustrates the methodology used (the example concerns a CI sample). In the first step, several zones were accurately localized. For each zone, IPF-z0 were plotted to reveal the grain and subgrains (Fig. 9c) , and the misorientations were calculated to differentiate grain boundaries and subgrain boundaries. Interfaces were considered grain boundaries for misorientations higher than 10°and subgrain boundaries for misorientations from 2°to 10°. Then, the sample was slightly polished, submitted to the corrosion test, rinsed and dried. All the previously localized zones were observed using a SEM in the backscattered electron mode (Fig. 9a) to easily determine the corrosion defects due to the presence of corrosion products. Then, SEM micrographs were analyzed using an image analysis software (Image J), and the corrosion defects were highlighted (Fig. 9b) to obtain a 'corrosion map'. This map was superimposed on the IPF-z0 (Fig. 9c and d) to determine the nature of the corroded 'object' (grain or interface) and of the corroded interface (grain boundaries or subgrain boundaries). This methodology was applied for NHT samples after CI and CR tests. The results showed that the corrosion defects were localized at the grain boundaries for NHT samples after CI tests, which is consistent with the observations shown in Fig. 2 . These results also confirmed that cyclic corrosion tests led to a modification of the corrosion morphology compared with continuous immersion tests. After CR tests, for NHT samples, corrosion extended to the subgrain boundaries (Fig. 10a-c) . The explanations previously provided, i.e., the high chloride concentration reached at the tip of the corrosion defects during CR tests and the corrosion rate controlled at a local scale (H + reduction) could explain the dissolution of subgrain boundaries. For the HT samples after CR tests, the corrosion morphology was intragranular (Fig. 11) , which is similar to that for samples exposed to continuous immersion tests. However, corrosion at grain and/or subgrain boundaries was also observed in crosssections observed by SEM (Fig. 11b) but particularly for those cross-sections observed using EBSD (Fig. 11c) . Further EBSD analysis, which was performed according to the methodology described in Fig. 9 , confirmed that intragranular corrosion remained observed for HT samples after CR tests; however, a few grain boundaries and many subgrain boundaries were found to be corroded (Fig. 10d-f ). This change in the corrosion morphology correlated with a lower propagation depth in the L direction for the corrosion defects after CR tests compared with CI 15 h and CI 72 h (Fig. 3d) . However, similar to that for NHT samples, the linear density of the corrosion defects increased for CR tests (Fig. 3f) . This evolution could be explained, similar to that for NHT samples, by the increase in the chloride concentration at the tip of the corrosion defects during the emersion period. Due to the increased aggressiveness of the electrolyte trapped inside the corrosion defects, new corrosion defects initiated, and the dissolution of grain boundaries and subgrain boundaries also occurred. Concerning the lower propagation depth, this result might be explained by the interaction between intragranular corrosion defects and intergranular (grain boundaries and subgrain boundaries) defects; furthermore, as explained previously, statistical data must be carefully considered due to the difficulty in obtaining representative data with optical microscopy observations of corrosion defects.
To better describe the corrosion morphology after CR tests, tensile tests were performed after CR tests for both NHT and HT samples, and the results were compared with those results obtained after continuous immersion (Fig. 5a and Fig. 6a ). Similar to that for continuous immersion tests, no shift in the flow stress was observed for NHT samples after CR tests compared with non-corroded samples, whereas a slight shift was observed for HT samples. As explained previously, this result could be explained by the morphology of the corrosion defects and by the loading direction during tensile tests. For NHT samples, intergranular defects generated during CR tests did not induce a non-load bearing zone; for HT samples after CR tests, defects are both intragranular and intergranular, which allow a non-load bearing zone to be generated. However, the shift in the flow stress is similar after CR tests compared with the shift observed after continuous immersion tests. This observation could be explained by the fact that the main difference in corrosion morphology between CR tests and continuous immersion for HT samples is the presence of the dissolution of grain boundaries and/or subgrain boundaries, whereas the evolution of intragranular defects is more complex and difficult to quantify, as mentioned above. Defects seem to be less deep but more numerous after CR tests compared with continuous immersion (Fig. 3) . Furthermore, the shift in flow stress is clearly slight and the main result in Figs. 5a and 6a is the dramatic decrease in the elongation to failure for both NHT and HT samples after CR tests. In the literature, several authors also reported a decrease in the elongation to failure for corroded 2024 samples [20, 24, 26] . To explain this result, the authors assumed the occurrence of a volumetric phenomenon, i.e., hydrogen embrittlement, although this damaging phenomenon is rarely considered for 2xxx alloys. In a study relative to Al-Li alloys, it was assumed that the decrease in the ductility after corrosion tests could be attributed to a hydrogen embrittlement [32] . Generally, this hydrogen embrittlement preferentially affects the tensile strain capacities of metallic materials. Therefore, a ductility loss index was defined as (A non-corroded À A corroded )/A non-corroded , where A non-corroded is the elongation to failure for a non-corroded sample and A corroded is that of a corroded sample. Figs. 5b and 6b highlight a strong ductility loss index for both NHT and HT samples after CR tests compared with CI tests, suggesting a hydrogen effect. However, to consider the possible effect of hydrogen embrittlement as a volumetric effect, the corrosion layer should have been removed and then tensile specimens be constructed to differentiate the effect of corrosion from the effect of hydrogen on ductility. This was done by Kamoutsi et al. who clearly evidenced corrosion-induced hydrogen embrittlement in aluminum alloy 2024 [33, 34] . In this work, to provide experimental evidence of hydrogen embrittlement, hydrogen content measurements were performed for each corrosion test condition for both NHT and HT samples. Regarding the results summarized in Figs. 5c and 6c, clearly CR tests led to a higher hydrogen content than continuous immersion. It was worth noticing that corrosion products were removed before performing hydrogen measurements. Of course, it seems impossible to ensure the total removal of the corrosion products. However, as previously mentioned, the morphological description of corrosion defects (Fig. 3) for HT samples after CR tests did not differ enough from that after continuous immersion to justify a higher amount of corrosion products after CR tests. The results from tensile tests corroborated this assertion (Fig. 6a) , with an identical shift in the flow stress after CR tests and after CI tests. Therefore, such high values of the hydrogen content suggested a significant penetration of hydrogen inside the material during CR tests (thus, the ductility loss index was called the hydrogen embrittlement index). Hydrogen was generated by the cathodic reduction of H + present inside the corrosion defects following the hydrolysis of the metallic cations produced by the anodic reaction. Then, hydrogen penetrated inside the material, and a hydrogen-affected zone was assumed to exist at the tip of the corrosion defects, which could explain the results of the tensile tests. The amount of hydrogen inside the material after the corrosion tests, i.e., the size of the hydrogen-affected zone, depended on not only the amount of hydrogen produced at the tip of the corrosion defects but also the fraction of the surface accessible for hydrogen penetration. Hydrogen trapping and transport by dislocations could also be helpful in explaining a high hydrogen content, as well as the presence of hydrogen traps. Regarding hydrogen trapping, Kamoutsi et al. showed, for a 2024 aluminum alloy, that hydrogen could be trapped at S-phase, vacancies and dislocations [34] . Meletis and Huang showed that T 1 facilitates hydrogen entry into the Al-Cu-Li alloys and that hydrogen could be trapped at T 1 matrix interfaces [35] . For Al-Cu-Li-Zr alloys, Smith and Scully identified several metallurgical hydrogen trapping states, i.e. solid solution lithium, d
0 phases, dislocations, T 1 precipitates and high angle boundaries [17, 18] . Furthermore, Meletis and Huang showed that hydrogen from the T 1 -matrix interface may be swept relatively easily by dislocations since the T 1 phase precipitates on {1 1 1} planes which are the matrix slip planes [35] . The authors provided some indication in support of the hydrogen-enhanced dislocation mobility by the softening (lower ultimate tensile strength) that was exhibited by the hydrogenembrittled alloys. Zohdi and Meletis showed that, in the presence of a crack, hydrogen penetration in front of the crack tip can occur mainly by stress assisted diffusion and dislocation transport [36] . In the present work, for the NHT samples, the increase in the corrosion defect depths and densities after CR tests compared with continuous immersion tests could explain much hydrogen production at the tip of the corrosion defects. The presence of hydrogen inside the corroded samples could then be explained by stress assisted diffusion and dislocation transport as suggested by Zohdi and Meletis [36] . No hydrogen trapping at T 1 was assumed because no T 1 was observed in NHT alloys. For the HT alloys, hydrogen embrittlement was most likely associated with the occurrence of intergranular corrosion after CR tests. Indeed, during CR tests, it was assumed not only that the penetration of hydrogen was linked to a diffusion process but also that this penetration was promoted by a transport phenomenon due to the stress imposed by the corrosion products trapped inside the intergranular corrosion defects on the intergranular defect walls. It seemed irrelevant to propose a stress state favorable for the penetration of hydrogen in intragranular corrosion defects. Therefore, the hydrogen content in the alloy after the CR tests was linked to both the local stress state at the tip of the intergranular corrosion defects and the hydrogen volume produced inside the defects. For HT alloys, intergranular corrosion propagated from intragranular defects after CR tests; intragranular corrosion was associated with a significant dissolution rate and, therefore, to high H + production. Therefore, the amount of hydrogen in the intergranular corrosion defects developed in HT samples after CR tests was most likely higher than that for NHT samples, explaining the higher amount of hydrogen in HT samples after CR tests compared with NHT samples. Furthermore, the high amount of T 1 precipitates in HT samples could also explain the results because of hydrogen trapping at T 1 precipitates. To provide experimental evidence regarding hydrogen trapping at T 1 precipitates, desorption experiments were performed. NHT and HT samples were submitted to CI 72 h and CR 72 h tests. Immediately after the corrosion tests, the corrosion products were removed from the sample surface and the samples were submitted to desorption treatments. To take into account the discrepancy in the corrosion extent from one sample to another, only one sample was used for each corrosion test. The size of the samples was chosen so that they could be cut in several specimens. Each specimen was immediately submitted to a desorption treatment. The temperature for the desorption treatment was 25°C, 200°C, 340°C and 490°C, as suggested by Smith and Scully [17, 18] . The duration for the desorption treatment varied between 15 min and 24 h. Immediately after the desorption treatment, the hydrogen content was measured. Results are reported in Fig. 12 . For the NHT alloy, the results clearly showed that, for both CI 72 h and CR 72 h, the hydrogen content decreased when the desorption temperature increased from 25°C to 490°C. This showed that hydrogen desorption occurred and, therefore, that hydrogen was trapped inside the corroded material. Furthermore, independent of the desorption temperature, the hydrogen content was higher for the CR 72 h samples than for CI 72 h samples which was in good agreement with previous hydrogen content measurements (Fig. 5) . However, except for the decrease of the hydrogen content when the desorption temperature increased from 25 to 490°C, no significant tendency was observed when hydrogen content versus desorption time for a given desorption temperature or hydrogen content versus desorption temperature for a given desorption time were plotted. For NHT alloy, hydrogen trapping at T 1 precipitates did not occur because of the absence of T 1 in this metallurgical state. Hydrogen could then be trapped at dislocations or grain boundaries but with the methodology used, it was not possible to differentiate these trapping sites maybe due to the low hydrogen content compared to corrosion products that remained inside the corrosion defects. On the contrary, for HT samples, Fig. 12 clearly showed significant variation regarding the hydrogen content versus the temperature desorption and the hydrogen content versus desorption time. The tendency was the same for both CI 72 h and CR 72 h samples with, for all the desorption temperatures and all the desorption times, higher hydrogen contents for CR 72 h samples compared to CI 72 h samples in agreement with results shown in Fig 6. Differences between the results shown in Figs. 6 and 12 were related to the discrepancy in corrosion extent from one sample to another. As explained before, the desorption treatments were performed for the same corroded sample (cut in small pieces) to allow comparison between the different desorption times and temperatures. Independent of the desorption time, the hydrogen content progressively decreased when the desorption temperature increased from 25°C to 490°C which allowed to reveal the different trapping sites identified by Smith and Scully [17, 18] . Furthermore, for a long desorption time (24 h) at 490°C, a significant decrease of the hydrogen content was observed, in particular for the CR 72 h samples. The hydrogen content reached a value around 20 ppm corresponding to the hydrogen content measured for a non-corroded sample. Such a desorption treatment led to the release of hydrogen from T 1 precipitates showing that hydrogen trapping at T 1 precipitates was a major phenomenon for HT samples. To further analyze the effect of exposure conditions on the corrosion susceptibility of the 2050 alloy, additional cyclic corrosion tests were performed with emersion steps at a negative temperature (CF tests). For both NHT and HT samples, the morphology of the corrosion did not seem to be dependent on the temperature of the emersion phase. However, the decrease in the elongation to failure was lower after CF tests than after CR tests for both NHT ( Fig. 5a and b) and HT samples ( Fig. 6a and b) . The results correlated well with a lower hydrogen content (Figs. 5c and 6c) for CF samples compared with CR samples. Again, the amount of hydrogen present inside the material after the corrosion tests was partially explained by the kinetics of proton reduction inside the corrosion defects. For both NHT and HT samples, the statistical data (Fig. 3) concerning the morphology of the corrosion defects did not provide a reliable analysis of the kinetics of the aluminum dissolution and, therefore, of the proton reduction; a comparison of the data obtained after CR and CF tests showed that some morphological parameters increased, whereas other parameters decreased, from one exposure condition to another. However, one could assume that when the sample was emerged at room temperature, once the surface dried, the corrosion defects were the primary sites of electrochemical activity due the electrolyte trapped inside the corrosion defects. The main cathodic reaction was H + reduction, which explained the high hydrogen content measured for CR samples. In contrast, during emersion phases at negative temperatures, the electrolyte was frozen, and therefore, the electrochemical reactions were limited, leading to a lower hydrogen content after CF tests compared with CR tests. Furthermore, as previously explained, the hydrogen content inside the material after the corrosion tests could also be partially explained considering the surface, which allowed hydrogen penetration. During the emersion phase at negative temperatures, it can be assumed that the stress generated by the solidification of the electrolyte trapped inside the corrosion defects led to the local failure of the oxide film covering the walls of the corrosion defects, leading to an oxide layer less protective than the layer developed at room temperature [37] . This hypothesis was corroborated by electrochemical measurements performed for both NHT and HT samples at the beginning and at the end of each immersion period for CR and CF tests. Because the shape of the impedance diagrams was the same for all the measurements, only the diagrams plotted after 48 h of cyclic corrosion tests were plotted for CR (Fig. 13a) and CF (Fig. 13b) tests respectively. For the two alloys and for the two corrosion tests, the shape of the impedance diagrams was similar to that observed during CI tests with two time constants; therefore the same analysis was performed by extrapolating the R t value from the capacitive loop. For both CR and CF samples, and for both NHT and HT samples, R t decreased during immersion, revealing the degradation of the samples (Fig. 13c and d) . However, during each emersion phase at room temperature (Fig. 13c) , R t increased. This observation corresponded to an artificial healing phenomenon due to the formation of an oxide film on the sample surface during the air exposure and to the accumulation of corrosion products inside the corrosion defects. In contrast, the continuous decrease of R t for CF samples (Fig. 13d) suggested a defective oxide layer, as previously proposed, which could be related to the high linear density of corrosion defects ( Fig. 3c and f) , despite questions concerning the reliability of such data. Notably, the amplitude of the variations for the R t values was higher for NHT samples compared with HT samples; in particular, for HT samples and CF tests, R t only slightly varied during the entire duration of the test. The OCP measurements confirmed these results. Fig. 14 shows the evolution of the OCP during continuous immersion and during each immersion phase of CR and CF tests for both NHT (Fig. 14a ) and HT alloys (Fig. 14b) . For the NHT alloy, the OCP continuously decreased during continuous immersion, whereas for cyclic corrosion tests, the variation in the OCP was more complex (Fig. 14a) . Considering the entire duration of the corrosion tests, the OCP globally decreased for both CR and CF tests, with a stronger decrease for CF tests. Examining the variations during each step of the corrosion tests, the OCP decreased during the immersion period; however, after each air exposure, the potential recovered to a value close to the potential value at the beginning of the corrosion test. The growth of an oxide layer on the alloy surface or the accumulation of corrosion products inside the corrosion defects during the emersion phase could be perceived as a healing of the corroded surface and could explain this result. However, the artificial healing of the oxide layer quickly disappeared during CF tests, as shown by the OCP decrease during the immersion period, which confirmed that the oxide layer was defective. In contrast, the OCP slightly dropped during the immersion period for CR tests, showing a more efficient healing phenomenon and a more protective oxide layer. Therefore, for NHT samples, the results showed that emersion periods at a negative temperature significantly influenced the properties of the oxide layer on the sample surface and inside the corrosion defects. Due to the stress developed by the electrolyte solidification trapped inside the intergranular corrosion defects during the emersion periods, the oxide layer was defective, which allowed hydrogen penetration. The increase in the surface, which allowed hydrogen penetration, compensated the reduced amount of hydrogen produced during CF tests compared with CR tests, which explained the slight differences in the hydrogen content between CF and CR samples. For HT samples, the OCP variations during the cyclic corrosion tests were extremely low, which could be related to the highly stable OCP measured during continuous immersion tests. This result was consistent with the impedance measurements and with the low amplitude of the variations in the R t values. Such a behavior could be explained by the corrosion morphology. For HT samples, during the emersion period at negative temperatures for CF tests, the solidification of the electrolyte and the resulting volume increase could not generate a stress state, which allowed a significant failure of the oxide layer, considering the morphology of the corrosion defects, i.e., intragranular defects with a high curvature radius. Therefore, for HT samples during CF tests, the amount of hydrogen produced was reduced compared with CR tests, and the effect of the electrolyte solidification was insufficient to increase the surface, allowing the hydrogen penetration. Thus, the difference in the hydrogen content between CR and CF tests was strong.
Conclusions
The corrosion behavior of the 2050 alloy was studied according to its microstructure and considering the influence of varying conditions of exposure to an aggressive environment. The main conclusions are as follows:
1. NHT and HT states differ by distinctive corrosion morphologies, intergranular and intragranular corrosion, respectively, during continuous immersion tests. Their corrosion behavior is linked to the presence of T 1 hardening phases; however, the results showed that the presence of T 1 precipitates is not mandatory for sensibilizing the 2050 alloy to intergranular corrosion. 2. The corrosion susceptibility of the 2050 alloy is strongly dependent on the condition of the exposure to an aggressive medium. The morphology, corrosion extension, and, consequently, the residual mechanical properties of corroded samples are significantly influenced by the exposure conditions. The main results are the extension of corrosion from grain boundaries to subgrain boundaries for the NHT alloy and the sensitization to intergranular corrosion for the HT alloy when cyclic corrosion tests were performed. The results suggest a hydrogen effect. 3. Depending on the morphology of the corrosion, i.e., intergranular or intragranular corrosion, therefore, depending on the microstructural state of the 2050 alloy, the hydrogen effect can play a predominant role in the corrosion process. The amount of hydrogen trapped inside the material primarily depends on three parameters: (i) the amount of hydrogen produced during the corrosion processes, which is linked to the morphology of the corrosion; (ii) the surface allowing hydrogen penetration inside the material. Surfaces for hydrogen entrance are created by the failure of oxide films developed on the corrosion defects walls. This failure is promoted by the solidification of the electrolyte trapped inside the intergranular corrosion defects during the emersion period at a negative temperature for cyclic corrosion tests; and (iii) the density of hydrogen traps inside the material, with T 1 precipitates as efficient traps. 4. The temperature during the emersion periods for cyclic corrosion tests plays a significant role in the corrosion susceptibility of the 2050 alloy. Negative temperatures could induce the failure of the oxide film due to a volume increase in the electrolyte trapped inside the corrosion defects and therefore promoted hydrogen penetration. However, negative temperatures stopped the electrochemical processes and therefore decreased the amount of hydrogen produced inside the corrosion defects. The corrosion susceptibility of the 2050 alloy results from the competition between these two phenomena.
